The structure and static magnetic properties-saturation magnetization, perpendicular anisotropy, spectroscopic g factor, and orbital magnetization-of thin-film 3d transition metal alloys are determined over the full range of alloy compositions via x-ray diffraction, magnetometry, and ferromagnetic resonance measurements. We determine the interfacial perpendicular magnetic anisotropy by use of samples sets with varying thickness for specific alloy concentrations. The results agree with prior published data and theoretical predictions. They provide a comprehensive compilation of the magnetic properties of thin-film Ni x Co 1−x , Ni x Fe 1−x , and Co x Fe 1−x alloys that goes well beyond the often-cited Slater-Pauling dependence of magnetic moment on alloy concentration.
I. INTRODUCTION
The magnetic moment of binary 3d transition metal alloys has been successfully described by the Slater-Pauling model [1, 2] . This description is based on a rigid-band model where alloying of a 3d transition metal ferromagnet with another element shifts the Fermi energy, and therefore, the occupation of the magnetic d states around the Fermi energy. This occupation shift directly translates into a change in magnetization, leading to the basic triangular shape of the Slater-Pauling curve [3] [4] [5] . In the Ni x Fe 1−x and Co x Fe 1−x alloy systems, transitions from a body-centered-cubic (bcc) to a face-centered-cubic (fcc) phase are present. Such phase transitions result in a nontrivial change in the electronic band structure, which can be seen as additional features in the Slater-Pauling curve. For example, a local minimum of magnetic moment typically occurs in the Ni x Fe 1−x and Co x Fe 1−x alloys at the phase transition.
Despite the fact that the rigid band assumption does not strictly hold for most materials, the Slater-Pauling model [6, 7] remains an effective tool for estimating the general behavior of 3d transition metals. Indeed, further refinement of theoretical descriptions of alloy systems requires that the microscopic band structure is known or calculated, since alloying influences the band structure, for example by smearing out the bands due to atomic disorder [8] . Furthermore, other magnetic properties like orbital magnetization or magnetocrystalline anisotropy cannot be described semiclassically and are purely quantum mechanical in origin [9] .
The development of new magnetic devices such as spintransfer-torque random-access memory (STT-RAM) [10, 11] or spin-torque oscillators (STOs), requires the magnetic properties of each layer to be precisely tuned according to the specifics of the application. The binary alloys of Ni x Co 1−x , Ni x Fe 1−x , and Co x Fe 1−x exhibit a wide range of magnetic properties that were thoroughly investigated in bulk samples during the 1960s and 1970s [12] [13] [14] . However, many emerging technologies require films of these materials as thin as a * Corresponding author: martin1.schoen@physik.uni-regensburg.de few monolayers. Such thin films can exhibit substantially modified magnetic properties from the bulk, including interfacial anisotropy [15, 16] , strain-induced anisotropy [17] [18] [19] , reduction of the Curie temperature [20, 21] , or modification of the magnetic moment [22] . While there have been a number of investigations of materials as thin films [23] [24] [25] [26] [27] [28] , there is not yet a comprehensive and systematic study of thin 3d transition metal alloy films that makes use of modern high-precision characterization methods-such as broad-band ferromagnetic resonance (FMR) or high-resolution x-ray diffraction (XRD). A precise measurement of the magnetic properties for this relatively simple alloy system will facilitate their use in devices, as well as the development of new alloy systems. Here we report measurements of the alloys Ni x Co 1−x , Ni x Fe 1−x , and Co x Fe 1−x over the full range of compositions. We determined the in-plane lattice constant and crystalline structure via XRD, the saturation magnetization density M S via superconducting quantum interference device (SQUID) magnetometry, as well as the perpendicular anisotropy and the interfacial orbital magnetic moment via FMR. The data presented here are not only a glossary of high-precision measurements of the thin-film magnetic properties in Ni x Co 1−x , Ni x Fe 1−x , and Co x Fe 1−x , but will also facilitate future testing of predictions based on theoretical calculations, e.g., density functional theory.
II. SAMPLES AND METHOD
Thin film samples consisting of Ni x Co 1−x , Ni x Fe 1−x , and Co x Fe 1−x alloys were grown at room temperature via dc magnetron sputter deposition on thermally oxidized (001) Si substrates at an Ar pressure of 0.67 Pa(5 × 10 −3 Torr). Substrates were kept in contact with a thermal reservoir to prevent substrate heating during the deposition process. Film compositions span the full range from x = 0 to x = 1. The sputter chamber had a base pressure of less than 5 × 10 −6 Pa(4 × 10 −8 Torr). A Ta(3 nm)/Cu(3 nm) seed layer and Cu(3 nm)/Ta(3 nm) cap layer was used for all samples. The seed layer was chosen to maintain good adhesion to the substrate and promote a high quality textured crystalline structure. The capping layer prevents oxidation of the alloy layer, and provides approximately symmetric interfaces and boundary conditions for the excited magnetization. The alloys were co-sputtered from two targets with the deposition rates determined by x-ray reflectivity (XRR). Drift in the deposition rates was periodically monitored with XRR and the repeatability of the deposition rates was found to be better than 3% over the course of the study. For all deposited alloys, the combined deposition rate was kept at approximately 0.25 nm/s to ensure similar growth conditions. In order to quantitatively account for interfacial effects, we also deposited a thickness series that typically included 10, 7, 4, 3 Broadband FMR characterization in the out-of-plane geometry was performed by use of a room temperature bore superconducting magnet capable of applying a perpendicular external magnetic field H as large as μ 0 H = 3 T. Samples were placed face-down on a CPW with a center conductor width of 100 µm with a nominal impedance of 50 . A vector network analyzer (VNA) was connected to both ends of the CPW, and the complex S 21 transmission parameter (ratio of voltage applied at one end of the CPW to voltage measured at the other end) was measured over a frequency range of 10 to 40 GHz. S 21 was then fitted with the complex susceptibility tensor component χ zz . For the purpose of fitting, we use
with the phase φ and the dimensionless mode amplitude A. A field-dependent complex linear background mH was subtracted to account for measurement drifts. The susceptibility component is derived from the Landau-Lifshitz equation for the perpendicular geometry (z axis). In the fixed-frequency, field-swept configuration we obtain [29] 
where M eff = M S − H k is the effective magnetization, M S is the saturation magnetization, H k is the perpendicular anisotropy, and H is the linewidth. H eff = 2πf/(γ μ 0 ), where |γ | is the gyromagnetic ratio and μ 0 is the vacuum permeability. An example of the measured FMR spectra is plotted in Fig. 1 , where we present both the real and imaginary parts of S 21 for Ni 90 Fe 10 measured at 20 GHz, in addition to the susceptibility fit to the data. Both the effective magnetic field M eff and the spectroscopic g factor were determined from the resonance field H res vs frequency f plot [compare Fig. 1 (c) ] according to
where μ B is the Bohr-magneton. The extracted values for g and M eff are then corrected for errors stemming from the limited measured frequency range via the method described by Shaw et al. [30] .
The crystal structure was characterized by in-plane x-ray diffraction (XRD) using parallel beam optics with a Cu K α radiation source. Figure 2 shows the in-plane lattice constants, determined from the [211] bcc and [111] fcc peaks in the diffraction spectra. The Cu (220) peak is always visible in the spectra due to the Cu seed and cap layers used in all the samples. This complicates the analysis since the location of the fccbcc phase transition for the Ni x Fe 1−x and Co x Fe 1−x alloys cannot be determined exactly. However, the change in the fcc lattice constant away from the bulk Cu value, as well as the diminishment and disappearance of the observed bcc peak, allows us to determine a concentration window in which a mixed phase occurs near the phase transition. Furthermore, we determined the texture of the bcc and fcc phases to be (110) and (111), respectively.
III. RESULTS

A. XRD
The Ni x Fe 1−x alloys exhibit a bcc phase and unchanging bcc lattice constant for a Ni concentration between 0% and 20%. For Ni concentrations between 20% and 30% a mixed phase [3] is measured as determined by the change in the fcc lattice constant to lower values than for fcc Cu, indicating the formation of a fcc phase in coexistence with a bcc phase, as seen in Fig. 2(b) . The location of this transition is also consistent with the concentration previously reported in the bulk Ni x Fe 1−x system at 30% Ni [3] . For Ni concentrations above 30% the Ni x Fe 1−x alloys exhibit a pure fcc phase, with a lattice constant that approaches the value for pure bulk Ni as the Ni concentration increases.
The Co x Fe 1−x system also exhibits a similar fcc-bcc phase transition. The alloys are bcc up to a Co concentration of 60%, followed by an fcc to bcc phase transition in the vicinity of 70% Co. This phase transition is again confirmed by XRD, but for the same reason as for the Ni x Fe 1−x system, we could only determine that the exact location of the bcc to fcc phase transition occurs somewhere between 60% and 80% Co, where bcc and fcc phases coexist, as shown in Fig. 2(c) . This phase transition seems to occur at a lower Co concentration than for the bulk alloy system [3] , which can be attributed to the Cu seed layer, as elaborated in the next paragraph [33] . Above 80% Co the Co x Fe 1−x alloys exhibit purely fcc phase.
Our pure Co films do not exhibit a hexagonal close-packed (hcp) crystal structure, in contrast to prior reports in the literature [3] . Figure 2(d) shows the XRD spectrum in the vicinity of the hcp(010) peak for the 10 nm pure Co sample, with a Ta/Cu seed and a Cu/Ta cap layer. For comparison, we include a similar Co film that was grown with only Ta as seed and capping layers. The sample with only Ta in the seed exhibits a clear hcp(010) peak, indicating an hcp structure. In contrast, the sample that includes Cu in the seed and capping layers shows no evidence of hcp structure. We speculate that the strained growth of Co on Cu promotes a strained fcc (i.e., face-centered tetragonal, fct) phase in the Co [31] , which is consistent with the structure reported for room-temperature growth of Co/Cu layers via molecular epitaxy [31] [32] [33] .
The crystalline phase of the Ni x Co 1−x alloys is exclusively fcc and exhibits distinguishable fcc(111) and fcc(220) peaks. The first peak, with its larger lattice constant, can be attributed to Cu, while we attribute the second peak to the Ni x Co 1−x .
B. Magnetization
We determined the room temperature (RT) saturation magnetization M S for all samples via superconducting quantum interference device (SQUID) magnetometry. The samples were first diced with a precision diamond saw such that the surface area of the sample is accurately known. The saturation magnetization M S is then determined by dividing the measured magnetic moment by the volume of the magnetic layer. The sample volumes were corrected to account for interfacial factors, like the existence of a dead layer or alloying with the Cu cap and seed layers. Such interfacial effects on the magnetization are determined in a thickness series for select alloys, measured with FMR. The x intercept of the M eff vs 1/t plot (not shown) show a nonzero value of 1.4 nm −1 , indicating the existence of either a (0.7 ± 0.3) nm magnetic dead layer, or a layer of reduced magnetization corresponding to a thickness of approximately two monolayers on each interface for all measured samples. The thicknesses of the dead layers display no discernible trend for alloy composition. The existence of a dead layer of this thickness has been found for Fe and Ni 80 Fe 20 at similar interfaces [34, 35] . Adjusted for the 0.7 nm dead layer, the SQUID measurements were normalized to the alloy volume and the resulting M S for all alloys is plotted in Figs. 3(a)-3(c) (blue triangles) .
For the Ni x Co 1−x alloys, M S decreases almost linearly with increasing Ni concentration from μ 0 M S (Co) = (1.77 ± 0.04)T to μ 0 M S (Ni) = (0.51 ± 0.03)T. In the Ni x Fe 1−x alloy system M S increases from μ 0 M S (Fe) = (2.05 ± 0.02)T to a maximum of (2.12 ± 0.06) T at 10% Ni followed by a minimum at the phase transition (25% Ni). At Ni concentrations greater than 40% M S decreases again with increasing Ni concentration. M S of the Co x Fe 1−x alloys shows a maximum of (2.42 ± 0.05) T at approximately 35% Co followed by a decrease with higher Co concentration and a drop at the phase transition.
This behavior for M S is consistent with the often-observed Slater-Pauling curve [1, 2, 36] , which is included in Fig. 3 as the gray dotted lines. The only deviations occur in the vicinity of the Ni x Fe 1−x and Co x Fe 1−x phase transitions. In those cases, the "dip" or "drop" in the curve occur at lower Ni or, respectively, Co concentration than in the bulk Slater-Pauling curve. This is consistent with our XRD measurements that indicate promotion of the fcc phase by the Cu substrate, which causes small deviations relative to the bulk phase diagram. The effective magnetization M eff is determined by use of Eq. (3) to analyze the FMR data. With the assumption of purely interfacial perpendicular anisotropy, i.e., negligible bulk perpendicular anisotropy, the saturation magnetization M S can also be determined by measuring M eff in a thickness series (10, 7, 4, 3, and 2 nm) and taking the y intercept (corresponding to infinite thickness t) when M eff is plotted versus 1/t. This is done for a select number of alloys and the resulting values of M S determined from FMR are also included in Fig. 3 (red crosses) . These values for M S agree well with the values of M S determined by SQUID, demonstrating the equivalence of both measurement methods. 
C. Perpendicular magnetic anisotropy
As already stated, the difference between M eff from FMR and M S from magnetometry is the result of interfacial perpendicular anisotropy H k , which results from the broken symmetry at the interfaces [37, 38] . Despite being purely interfacial, this interface anisotropy acts on the whole film in the thin film limit and is therefore often employed to engineer the anisotropy according to certain specifications, in particular for perpendicularly magnetized materials [39] [40] [41] [42] . Defining the anisotropy energy as in Ref. [43] , the effective total perpendicular anisotropy energy density K can be determined from M S and M eff via [18] 
and is plotted as a function of alloy concentration in Fig. 4 . Note here that we do not separate the different contributions to K (second and fourth order anisotropy constants) [44] .
For the Ni x Co 1−x alloy, K decreases almost linearly from pure Co to pure Ni. For the Ni x Fe 1−x alloys, K has a sharp minimum at the phase transition. We speculate that the minimum is due to the coexistence of multiple phases with compensating amounts of anisotropy. Then, with higher Ni content, K decreases almost linearly.
The Fig. 4(c) . At a Co concentration of 75% near the fcc to bcc phase transition, K exhibits some degree of distortion.
Under the assumption that M S is independent of thickness above 2 nm (e.g., Cu does not alloy with the magnetic films), the bulk anisotropy K vol and the average interfacial anisotropy K int can be determined from the thickness dependence of the total anisotropy K by use of the phenomenological equation K(t) = K vol + 2K int /t (the factor of 2 accounts for the number of interfaces) [45] , where fits of the data based on this equation are presented in the right panels in Fig. 4 . We plot the volume and interface components of K with respect to atomic number in Figs. 4(d) and 4(e). K vol is small to negligible with no discernable trend with alloy composition. The interface components of the total perpendicular anisotropy for the Co 33 Ni 67 alloy is in the range of the one reported by Shaw et al. [45] of 2K int = 1.56 × 10 −4 J/m 2 for a (Co 90 Fe 10 ) 25 Ni 75 alloy with the same seed and cap layers as used in this study. Surprisingly, K int exhibits similar Slater-Pauling behavior as the magnetization data in Fig. 3 . This behavior suggests that there is a certain amount of interfacial anisotropy energy per uncompensated d-band spin, i.e., the anisotropy energy is proportional to the spin density at the interface. In Fig. 5 we plot the interface anisotropy against areal spin density and indeed K int increases with the areal spin density. A linear fit to the data yields an x intercept of (23 ± 7)μ B /m 2 , which translates to a magnetization of (0.7 ± 0.2)μ B per interface atom. Considering the symmetry at the 3d transition metal alloy/Cu interface a nonzero x intercept seems reasonable. The symmetry of the localized alloy d bands is largely broken at the interface with the mostly s-like Cu bands, while the alloy s-p band symmetry should be less affected [46, 47] . Thus only the uncompensated localized d bands should effectively contribute to the perpendicular anisotropy.
While the picture for the itinerant nature of magnetism in the 3d metals remains incomplete, there is substantial evidence that the magnetization in Ni is not found solely in localized d bands. Tunneling spectroscopy measurements of spin polarization of the s-p-like conduction electrons for Ni have found values around 23% to 46% (compare Ref. [48] and references therein), which is close to the x intercept value of the linear fit in Fig. 5 . It is understood that the s-p bands are strongly hybridized with the d band near the Fermi surface, giving rise to a high degree of spin polarization for the conduction bands in Ni near the Fermi surface, as revealed by angle resolved photoemission spectroscopy (ARPES) [49] . On the other hand, the d bands in Fe are believed to be more localized [5, 50, 51] .These considerations side with the value of the x intercept of the linear fit to the data, which is close to M S of Ni. Furthermore, we can estimate the perpendicular interfacial anisotropy energy per d-band spin to be (2 ± 0.6) × 10 −4 eV/μ B . Note that the measured interface anisotropies are specifically for the Cu/alloy/Cu interfaces prepared for this study. It is very likely that these anisotropies will also vary with both the choice of nonmagnetic metal and the deposition conditions. It is also important to emphasize that the crystalline texture will affect the interfacial anisotropy [52] . In the present case, all of the fcc materials possess a (111) texture, whereas the bcc materials have a (110) texture. But the general trend may indicate a starting point in the search for alloy systems with the desired interface anisotropies.
D. g factor and orbital magnetization
We now turn to the measured spectroscopic g factor that describes the relationship between the spin angular momentum and total magnetic moment per electron.
For pure Fe and Ni, the g factors are g Fe = 2.085 ± 0.003 and Ni g Ni = 2.182 ± 0.016, respectively. For comparison, previously reported values for bulk Fe and Ni are g Fe = 2.08 and g Ni = 2.185 [3, 13, 53] , in good agreement with our results for 10-nm-thick films. The agreement between bulk and thin film values is not necessarily expected since there can be a substantial contribution of the orbital moment at the interface [45] . Similarly, the g factor of Co is g Co = 2.139 ± 0.005, which is very close to the value previously reported for thin film fcc Co g Co = 2.145 [32] . This value is considerably smaller than the one for bulk hcp Co in literature of g Co = 2.18 [3, 13] . This is consistent with the XRD results that show no evidence of an hcp phase for the pure Co film. Furthermore, the measured g factor of Permalloy (Ni 80 Fe 20 ) is within 0.2% of the g factor of g Py = 2.109 previously reported by Shaw et al. [30] . We found that the g factor decreases for most alloys with decreasing layer thickness, which has already been observed [30, 45] . Interestingly the g factor increases with decreasing thickness for pure Co and the Co 50 Fe 50 alloy.
The g factor for Ni x Co 1−x stays approximately constant for Ni concentrations between 12% and 66% after an initial increase from pure fcc Co. At Ni concentrations above 66%, g approaches the value of pure Ni. For comparison, the g factor for hcp Co is also plotted in Figs. 6(a) and 6(c) . Assuming . In (a) and (c) the g factor for pure hcp Co is added [3, 13] (blue cross). Orbital moments for the pure elements calculated by Malashevich et al. [54] are plotted as red open circles for comparison. Also orbital moments for the Ni x Co 1−x and Co x Fe 1−x systems calculated by Söderlind et al. [55] (red open triangles) as well as the orbital moment calculated for Co x Fe 1−x by Chadov et al. [56] (red dots) are included in the respective panels. pure hcp Co a constant g factor of 2.17 is, within a 1% scatter, a good approximation for the g factor of all Ni x Co 1−x alloys. The Ni x Fe 1−x alloys display a different behavior with Ni concentration. Starting from pure Fe to Ni 80 Fe 20 , g only shows an incremental increase, followed by a strong increase in g toward the value for pure Ni. The g factor in the Co x Fe 1−x alloys exhibits a strong nonmonotonic behavior. g increases with Co concentration from the value for pure Fe and displays a maximum at 10% Co, followed by a minimum at approximately 20% Co. With higher Co concentration the alloy g factor increases towards the value for hcp Co and only drops again for pure fcc Co.
We do not observe a strong variation of g factor around the fcc-bcc phase transition of Ni x Fe 1−x , contrary to the previous report by Bauer and Wigen [12] . Instead, our data for Ni x Fe 1−x follow a similar trend as that reported by Meyer and Ash [13] .
The orbital contribution to the magnetization can be calculated from the measured g factor. As a result of the spin-orbit interaction, the g factor can differ significantly from its undressed value of ≈2. The ratio of orbital μ L and spin μ s electron moments, to the total magnetic electron moment μ is given by [57] 
We use our SQUID magnetometry data to determine the total magnetic moment per atom for each alloy, where we make use of previously published data for alloy atom density [3] . This is used to calculate the spin and orbital moment per atom by use of Eq. (4). The atomic orbital moment in Bohr magnetons μ B is plotted in Fig. 6 (right axis, red triangles) .
Our values agree well with the previous report for the Ni x Co 1−x alloys of Reck and Fry [14] . For Ni x Fe 1−x , their reported μ L is slightly larger than our measured value. It was not possible to discern if the nonmonotonic feature exhibited by the Co x Fe 1−x alloys were also observed by Reck and Fry due to the density of data in the original report.
Our measurements are consistent with the well-known fact that μ L is generally small and on the order of a few percent of the total atomic moment in crystals with cubic symmetry. Beyond that qualitative comparison, the precision of our data enable us to test theoretical ab initio models for orbital moments. Theoretical values for μ L for pure Ni, Fe, and Co [54] reported by Malashevich et al., are included in Fig. 6 as red open circles. For pure bcc Fe and hcp Co, the calculations yield values that are approximately 30% lower than our experimentally determined values, whereas for fcc Ni the theory values are larger than the experimental values of μ L . The results of Söderlind et al. [55] for the Ni x Co 1−x and Co x Fe 1−x alloys are included as red open triangles, and the theoretical predictions of Chadov et al. [56] for the Co x Fe 1−x system are included as red dots. The predictions of Söderlind et al. for the Ni x Co 1−x and Co x Fe 1−x alloys are remarkably close to our measured values, with the possible exception of pure Co, where we measured μ L = 0.11 μ B , and they predicted 0.14 μ B . The calculated results of Chadov et al. match our measured values for pure Co and Fe quite well, but they are significantly lower than the measured values for all the alloys. The model also fails to capture the substantial jump in the orbital moment with the addition of Co at low concentrations (<10%), and the similarly precipitous drop as the alloy approaches pure Co.
IV. SUMMARY
We present a comprehensive study on the crystalline structure, effective magnetization, saturation magnetization, perpendicular anisotropy, g factor, and orbital magnetic moment for 10-nm-thick binary alloys Ni x Co 1−x , Ni x Fe 1−x , and Co x Fe 1−x over the full range of alloy compositions. The measured saturation magnetization is consistent with the Slater-Pauling behavior for bulk specimens. By measuring the effective magnetization via FMR and the saturation magnetization via SQUID magnetometry, we calculate the perpendicular magnetic anisotropy energy density for all compositions. For a subset of alloy concentrations, we determine the bulk and interfacial contributions to the perpendicular magnetic anisotropy. While the bulk anisotropy energy density shows no discernable trend with alloy concentration, the interfacial contribution also exhibits Slater-Pauling-like behavior, which implies a fixed amount of interfacial anisotropy energy per localized, uncompensated, d-band spin. The measured g factor agrees well with previously published results for the pure elements. Furthermore, we determine the orbital magnetic moments for all the alloys. Many of our measured values for μ L are in good agreement with previous predictions that were obtained from ab initio calculations.
